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Highlights

1. A 3D dislocation dynamics framework for various grain boundary (GB) types by
using a ‘coarse-graining’ method was established.

2. The dislocation—-GB interaction model considers both dislocation absorption and
dislocation emission at GBs.

3. The compression behavior of several bicrystalline nanopillars with large-angle GB

was investigated.

Abstract

Grain boundaries (GBs) have a significant influence on the mechanical properties
of metallic materials. It has been a great challenge to describe dislocation interactions
with various GBs. In the present article, a generalized dislocation—-GB interaction
model was constructed and then implemented in the three-dimensional multiscale
discrete dislocation dynamics (DDD) framework. In the model, two dislocation-GB
interaction mechanisms, i.e., dislocation absorption at GBs and dislocation emission
from GBs, were considered. In order to make the dislocation-GB interaction model
suitable for various GB types, a ‘coarse-graining’ approach was applied to deal with
the process of dislocation absorption and emission. As the validations and applications
of the proposed dislocation—GB interaction model, nanopillars containing a non-sigma
large-angle GB and subjected to uniaxial compression were studied. The simulated

results show that the bi-crystalline nanopillars possess a higher yield strength and
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flow stress, smaller stress-drop size than single-crystalline counterparts, which is
consistent with earlier experimental observations in the literature. Afterward, the
DDD simulation was employed to reveal the effect of GB misorientation on the
mechanical responses of bicrystals with a large-angle-symmetric-tilt GB. Simulations
indicate that the mechanical responses of bicrystals are affected by the GB structures
and complex dislocation-dislocation and dislocation-GB interactions. In contrast, the
dislocation absorption and emission events, as well as the evolution of resolved shear
stress and dislocation density, do not depend on the GB misorientation angles or the
GB strength (or the GB energy).

Keywords: Dislocation dynamics; Grain boundary model; Bicrystals; Nanopillar
compression; Misorientation effect.

1. Introduction

Grain boundaries (GBs) play a crucial role in the plastic deformation of
polycrystalline materials, especially when the sample size is at the micro- or
nano-scale. Different dislocation—-GB interaction mechanisms may result in entirely
distinct overall plastic deformation characteristics. Due to the variety of GB types and
complicated GB structures, there are various interactions between dislocations and
GBs, including dislocation transmission across GBs, dislocation absorption at GBs,
and dislocation emission and reflection from GBs, as reviewed in Ref. [1]. In the past
few decades, experimental observations [1], molecular dynamics simulations [2, 3]
and phenomenological-constitutive-model-based finite element simulations [4, 5]
have been utilized to investigate the properties of GBs and their effect on the
mechanical behavior of materials.

Nowadays, discrete dislocation dynamics (DDD) simulation has become a
versatile tool to investigate the plastic deformation of crystalline materials in the
nano- and micro-sizes. DDD can be a bridge linking fundamental molecular dynamics
studies and continuum models. Having the capacity to track the temporal and spatial
evolution of dislocation networks, DDD simulation provides a possibility to establish
the relationship among dislocation characteristics, plastic deformation mechanisms

and mechanical properties.
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The DDD approach has been used to study the effect of GB on bi-crystalline and
polycrystalline materials. Early studies were mostly limited to two dimensional (2D)
simulations and generally assumed that the GBs were impenetrable to dislocations
[6-10]. Afterward, penetrable GB models accounting for dislocation transmission
through GBs were developed and used to investigate the mechanical responses of
polycrystals [11-16]. In 2009, Li et al. [11] proposed an energy-based penetrable GB
model considering the effects of dislocation transmission across GBs and dislocation
re-emission from GBs. Recently, Huang et al. [12] improved this dislocation—GB
interaction model in a framework coupling 2D Discrete Dislocation Dynamics with
Extended Finite Element Method (DDD—XFEM) by additionally considering the
resolved shear stress on the potential outgoing slip planes and then used it to
investigate the grain size effect and cyclic stress relaxation phenomena in
polycrystalline aluminum. Moreover, to mimic the deformation behavior of
nanocrystalline materials, Quek et al. [13, 14] proposed a dislocation—GB interaction
model in a 2D DDD framework that incorporated dislocation transmission and GB
sliding, absorption and emission at GBs. The 2D DDD studies have provided great
insight into the plastic deformation and their relationship with dislocation-GB
interaction mechanisms in polycrystalline materials. However, in the 2D DDD
framework, the dislocations were ‘pseudo point defects’ and constrained to only up to
3 slip systems, which could not effectively capture the complex dislocation
interactions such as cross-slip and junction [17, 18].

Three-dimensional (3-D) DDD can accurately model the evolution of dislocation
structures and complicated short- and long-range interactions in sub-micron metallic
materials. In the 3-D DDD framework, the dislocation is modeled as a line segment
and moves under external stress in discrete time steps, producing more realistic
dislocation microstructures. Up to date, there are very few studies using 3D DDD
embedded with a dislocation—-GB interaction model to probe the role of GB in the
plastic deformation of polycrystalline or bi-crystalline materials. Jiang et al. [19]
conducted 3D-DDD simulations on copper polycrystals to explore the effects of grain

size and grain shape on the flow stress. However, the GB studied in [19] was treated
3



Acta Materialia 202 (2021) 88-98

as a barrier and impenetrable to dislocation glide, which could not capture the features
of GB. Thus, the 3D DDD embedded with a penetrable GB aroused considerable
interest. For instance, Zhou et al. [17] performed a 3D DDD simulation to study the
effects of film thickness and grain size on the strength of polycrystalline thin films. In
that work, the process of dislocation transmission through GB was achieved by
bowing out a Frank-Read (FR) source in outgoing grain when the resolved shear
stress acting on the incoming dislocation exceeded the GB transmission strength. This
model provided valuable insights for the influence of GB penetrability on the plastic
deformation. However, the model assumed that there is no crystallographic change at
a GB, i.e., the GB serves only to inhibit dislocation motion while the incoming and
outgoing slip systems are identical. Recently, more comprehensive dislocation-GB
interaction models have been proposed and developed. To name a few, Fan et al. [20]
extended the 2D dislocation—GB interaction model proposed by Li et al. [11] to the
3D DDD framework. The dislocation—GB interaction model, as mentioned earlier,
enables dislocation penetration through GBs and dislocation re-emission from GBs
based on energy and geometric criteria, which was used to investigate the intermittent
plastic deformation of micropillars under uniaxial compression [20] and the effect of
GB on bi-crystalline materials under the nanoindentation [21]. Based on [20], Gao et
al. [22] presented an improved model which introduces the terms of intrinsic stacking
fault energy and unstable stacking fault energy into the energetic-condition-equations
of dislocation penetration and emission. In addition, as a particular type of GBs, the
twin boundary has also been modeled in the 3D DDD framework to study the effect
of twin on the plasticity of face-centered cubic copper [23] and hexagonal
close-packed magnesium [24, 25]. For small-angle symmetric tilt GBs (the
misorientation between neighboring grains is less than 15°), the GB can be modeled
by setting the specific energetic and geometric criteria for dislocation transmission
and emission, as mentioned above. Some researchers [26, 27] treated the dislocation—
GB interaction as the process of lattice dislocations of grain interior interacting with

the pre-exited GB dislocations at GBs. It is noted that this method can only analyze
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small-angle tilt GB that is comprised of a regular dislocation array, while cannot deal
with other GB types that cannot be represented by specific dislocation array.

The penetrable GB models mentioned above have made significant success in
studying the effect of GB on plasticity deformation. However, almost all these
dislocation—GB interaction models are only suitable for small-angle symmetric tilt
GBs. For such a GB type, the intersection lines of incoming and outgoing slip planes
with the GB are coincident, making it convenient to deal with the transmission and
emission processes of dislocation lines in the 3D DDD framework. Due to the variety
of GB types, it is desirable and meaningful to develop a more generalized and
physics-based dislocation—GB interaction model within the 3D DDD framework. In
the present work, a 3D dislocation—GB interaction model that is suitable for various
GB types and easy to be implemented in the polycrystalline DDD models is
established by using a ‘coarse-graining’ method. The ‘coarse-graining’ scheme can
capture the main features of dislocation-GB interactions without much loss of
physical mechanisms and allows modeling the arbitrary crystallography, size, and
geometry of the grain.

The paper is organized as follows. First, a concise description of the multiscale
DD framework utilized in our simulations is given. Then a dislocation—GB interaction
model based on a ‘coarse-graining’ approach is presented in detail. In flowing
sections, the proposed dislocation—GB interaction model is validated and discussed: 1)
Different compression responses between single- and bi- crystalline (containing a
non-sigma large-angle GB) nanopillars; 2) The effect of GB misorientation on the
bi-crystalline nanopillars containing large-angle symmetric tilt GBs. Finally, the paper
concludes with a summary of the dislocation—-GB interaction model and its
application in bi-crystalline nanopillar compression, and the corresponding main

findings are also presented.

2. Brief description of a multiscale DDD framework
A hybrid model (multiscale DDD model) [21, 28-30], which couples discrete

dislocation dynamics (DDD) with finite element method (FEM), is employed to
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implant a dislocation—GB interaction model and then conduct simulations. This
multiscale DDD framework is originally developed by Zbib et al. [28, 29] and
recently improved by Huang et al. [30]. In this model, the plastic strain obtained from
the DDD is coarse-grained to the FEM, thus releasing the discontinuities of plastic
strain and stress field among adjacent elements. Besides, a stress correction is
introduced in the dislocation stress filed to address the underestimated stress between
two close dislocation segments faced in traditional DDD-FEM coupling frameworks.

The detail of this hybrid DDD-FEM model can be referred to Refs. [21, 30, 31].

3. Grain boundary model

As mentioned in Section 1, it is desirable to establish a versatile dislocation—-GB
interaction model within the framework of 3D DDD. In the present article, we
construct a dislocation—-GB interaction model applicable for various GB types and
convenient to be incorporated in polycrystalline models.
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Fig. 1. (a) Schematic of pile-up dislocation lines at the grain boundary (GB) plane; (b) The GB is
divided into several grids with equal size of d to deal with the dislocation absorption at GBs and
dislocation emission from GBs. Each grid can be envisaged as a dislocation sink for dislocation

absorption and a dislocation source for dislocation emission; (¢) Schematic of dislocation segment
i absorbed in grid n; (d) Grid n emits a dislocation source with its midpoint coinciding with the

center of the grid.
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As shown in Fig. la, for a non-symmetric-tilt-GB, the pile-up dislocations at the
GB are irregular since the intersection lines of two slip planes of neighboring grains at
the GB usually do not coincide with each other. Thus, it is difficult to deal with the
transmission of dislocation lines in the DDD framework. To overcome this difficulty,
a ‘coarse-graining’ method was used to handle the transmission of dislocations across
the GB with an arbitrary GB type. Two dislocation-GB interaction mechanisms, i.e.,

dislocation absorption at GBs and dislocation emission from GBs, were considered.

3.1 Dislocation absorption at GBs

When a dislocation approaches the GB, it will stop moving forward due to the
resistance of the GB. However, when the resolved shear stress acting on dislocation
reaches the GB strength, the dislocation will be absorbed by the GB. The critical

stress for dislocation absorption, zc, can be determined by the following equation:

Te=Eg /b, (1)
where b is the magnitude of the Burgers vector, and Egs is the GB energy. The GB
energy is related to different GB structures and can be determined through molecular
dynamics simulations.

After absorption, the dislocation node of the lattice dislocation connected with the
GB becomes a ‘GB node’. Note that the GB is envisaged as an area with severe lattice
distortion and does not like the free surface where the dislocations can annihilate or
move freely. The GB nodes are not allowed to annihilate at the GB and can only move
along the intersection line of the slip plane and GB. The velocity of the GB node, von,
is determined as follows:

vGN:%[(f X n) : (n X nGB>

(n X nGB), (2)

where B is the viscous drag coefficient, ferreciive 15 the effective force contributing to

the movement of dislocations along the intersection line of the slip plane and GB

nXxn.,, where n and ncs are their normal unit directions. The effective force is

determined by
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f;ffective -

c(exm) = fig s (3)
where Fon is the total external force experienced by the to be absorbed dislocation
segment with unit line direction &. fon denotes the lattice friction of GB nodes and set
to be larger than that of free surface dislocation nodes or lattice dislocation nodes (in
the present work, the lattice friction of these nodes is set as zero), since the resistance
for dislocation nodes to glide is higher for GB surfaces than free surfaces. It should be
noted that voN = 0 if feffective <O in Eq. (2).

In order to deal with the situation that multiple dislocation segments are absorbed
at GBs, a ‘coarse-graining” method is applied to handle the irregular absorbed
dislocation lines. As shown in Fig. 1b, the GB is divided into several grids with an
equal size of d. Each grid can be envisaged as a dislocation sink. As shown in Fig. Ic,
if the effective shear stress 7 of a dislocation segment i exceeds the critical value
determined by Eq. (1), the segment i will be absorbed in the GB grid » (the coordinate
of segment’s midpoint P locates in grid n). The Burgers vector, length and line
direction of ‘GB dislocations’ in the GB grid n are the sums of all absorbed

dislocation segments in this grid:

bl =D b, I =|D1,

3.2 Dislocation emission from GBs

, Elp =28 4

With the increasing number of absorption events, more and more dislocations
will be stored at GBs. The GB becomes unstable when the energy of GBs increases
to a certain degree. Therefore, the emission of dislocations from GBs is introduced to
reduce the GB energy. Similar to the case of dislocation absorption at GBs, the
‘coarse-graining’ method is also used to deal with the emission of dislocations from
GBs. The GB grid can be envisaged as a source of dislocation emission. The emitting
events are determined by the following rules.

(1) Emitting grain: the GB dislocations emit to the grain with a smaller total
length of absorbed dislocation segments. For example, suppose that the total lengths

of dislocations absorbed at GB from grain 1 and grain 2 (grain 1 and grain 2 are
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grains at two sides of a GB) at the GB grid » are /i1 and b, respectively. If /i>12, the GB
dislocations will emit to grain 2 and vice versa.

(2) Slip plane of the emitting dislocations: assume that the line direction of the
intersection line of an emitting slip plane with the GB is §,, then the slip plane of
emitting dislocations can be determined by rendering the absolute value of &, - &Gg
be minimum.

(3) Burgers vector of emitting dislocations: after determining the grain and slip
plane of an emitting dislocation, there are three candidate Burgers vectors to select. In
the current dislocation—GB interaction model, the same method used in Refs. [11, 20]
is adopted to determine the emitting dislocation’s Burgers vector, i.e., the residual
Burgers vector, b. = bgg — b, (where be is the Burgers vector of the emitting
dislocation), of GB dislocations after emitting, should be minimum. This rule ensures
that the emitting process is energetically favorable.

(4) Length of emitting dislocations: the length of an emitting dislocation is ¢
as expressed in Eq. (4).

(5) Line direction of emitting dislocations: there are two possible line directions
of an emitting dislocation line; the line direction is chosen to make the emitting
dislocation move toward the grain interior (the moving direction of a dislocation
segment is related to its line direction and its Burgers vector).

(6) Characteristics of emitting dislocations’ end nodes: similar to the GB nodes
mentioned in Section 3.1, the motions of an emitting dislocation’s two end nodes are
constrained in the intersection line of the slip plane and GB. Besides, the velocity, ven,

of an emitting dislocation’s end node also has a similar expression as Eq. (2):

b =8 (& ) ), ), 5)
with
Jteetive = | Fin - (f X n)] — foxs (0)

where Fen is the total external force acting on the dislocation segment. fen is the

friction of emitting dislocations’ end nodes and set to be larger than that of lattice
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dislocation nodes. In addition, similar to the case of dislocation absorption at GBs, vex
= 0 when fefrective <O in Eq. (5).

In addition to the six emitting rules listed above, the emitting dislocations also
need to satisfy critical stress conditions. The critical activation stress z for a Frank—

Read (FR) source can be calculated using equation [32, 33]:

[
S — i'u_blogi’ (7)
¢ 2 1 T

where 4 is the shear modulus of materials, /e is the length of the emitting dislocation.
A is the parameter depending on dislocation types: 4 equals 1 for edge dislocations
while 1/(1-v) (with v being the Poisson’s ratio) for screw dislocations. In the
simulations, there are different types of dislocations (including edge, screw and mixed
ones), so the parameter A is approximated through the rule of mixture as
A=[1+1/(1-v)]/2. The parameter r is the Brown splitting distance and is usually set as
2b [33].

Once the dislocation absorption in grid »n occurs, the program will check whether
the emitting events can happen in the following time steps of DDD calculations.
When the candidate emitting dislocations satisfy the emitting criteria (1)-(6) and
critical stress condition in Eq. (7) simultaneously, the GB grid » will emit a lattice
dislocation into the corresponding grain with its midpoint at the center of the grid, as

shown in Fig. 1d. After emitting, the Burgers vector, length and line direction of GB
dislocation for grid n become zero, i.e., b,, =0, [, =0, &, = 0. This treatment

is mainly based on the assumption that the energy of absorbed dislocations at GBs is
completely released when the emission events occur. In each DDD time step, only one
emitting event can occur for each GB grid.

Note that although the dislocation-GB interactions described in Section 3.1 and
Section 3.2 may not totally take the precise and detailed configuration of dislocations
into account, the present dislocation—GB interaction model is applicable for
symmetric and non-symmetric GBs and can capture many important features of the

effect of GBs on the deformation of bicrystals or polycrystals. It should also be

10
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mentioned that the GB structure in real metallic materials is very complicated, which
may not be fully represented by the present GB model. However, this GB model can
capture some main features of a GB to a certain extent. The GB structure reflected by
this GB model can be regarded as the structure induced by the non-coincidence of
crystallographic orientations and slip systems of two grains at the GB surface. The
further analysis and validation of the present dislocation—GB interaction model will

be presented in the following sections.

4. Validation of the dislocation—GB interaction model
4.1 Compression of single- and bi- crystalline nanopillars

As the validation and application of the present dislocation—GB interaction
model, the deformation behavior of a bi-crystalline nanopillar and its

single-crystalline counterparts under uniaxial compression is investigated.
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Fig. 2. Geometry and crystallographic orientations of the bi-crystalline nanopillar. The
compression directions and GB normal directions of bicrystalline components, Grain A and Grain
B, are along with the crystallographic orientations of [0 0 1], [1 23] and [1 0 0],[3 6 5],

respectively.
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The geometry and crystallographic orientations of the bi-crystalline nanopillar in
present simulations are shown in Fig. 2. The height-to-width ratio of the sample is
chosen as 3, which is often used in previous experimental studies of nanopillar
compression [34-38]. In current simulations, the width of the sample is set as w=800 b,
where b is the magnitude of the Burgers vector. The GB is located in the middle of the
sample and parallel to the Z-surface (see Fig. 2). As shown in Fig. 2, the bicrystals
consists of two single crystals, Grain A and Grain B, with the compression directions
and GB normal directions aligned with the crystallographic orientations of [0 0 1], [1
23] and [1 0 0], [3 6 5], respectively. The misorientation between the two grains is
45.5° around [1 4 3]. To examine the effect of GB, two single-crystals with the same
orientation as the bicrystals, i.e., the [0 0 1]-oriented grain A and [1 2 3]-oriented
grain B, were also simulated for comparison. The geometry and size of the single
crystalline pillars are identical with that of bicrystals. It should be noted that the
compression orientation may have a significant effect on the mechanical responses of
the single- and bi-crystals due to the difference of dislocation activation on slip
systems. Table 1 lists the Schmid factor of the [0 0 1]-oriented and [1 2 3]-oriented
single crystals. It can be seen that the [0 0 1]-oriented single crystal has eight slip
systems with the same Schmid factor of 0.408, which implies that multiple slips will
occur during deformation. In contrast, the [1 2 3]-oriented single crystal is oriented
for a single slip, as it only has one slip system possessing the highest Schmid factor of
0.467.

Table 1. Slip systems and their Schmid factors in [001]-oriented and [123]-oriented single crystals

Schmid factor Schmid factor

Label Slip systems . . . .
[001] orientation [123] orientation

1 (1 1ID[toi 0.408 0.117
2 a1noii 0.408 0.292
3 a1D1io 0.000 0.175
4  d1not I 0.408 0.117
5 d1niod] 0.408 0.467
6 d1D11o0] 0.000 0.350
7 A1DT10] 0.000 0.000
8 dA1n1o01] 0.408 0.000
9 d1noii 0.408 0.000

12
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10 (Q1D[T10] 0.000 0.175
11 (1Dno1 1] 0.408 0.175
12 (Q1D[10 1] 0.408 0.350

The material simulated in this paper was taken to be isotropic elastic aluminum,;
the associated material constants, as well as the GB parameters, are listed in Table 2.
In order to determine the GB energy of this specific GB type, molecular dynamics
simulations were carried out using the method presented in Ref. [39]. The calculated
GB energy is 478.3 mJ/m”. Note that both fGn in Eq. (3) and finin Eq. (6) are set to be
equal to the shear modulus g This treatment implies that the GB nodes connected
with the GB after dislocation segments absorption at GBs and the two end nodes of
the emitting dislocation cannot move during the loading, which can be regarded as a

pinned point like the two ends of a FR source.

Table 2. Parameters of aluminum and grain boundary used in simulations.

Material parameters Symbol Value
Density (kg/m?) P 2700
Shear modulus (GPa) G 26
Poisson’s ratio v 0.345
Burgers vector magnitude (nm) b 0.25
Viscous drag coefficient (Pa-s) B 10+
Grain boundary (GB) parameter (GPa-b)  fon, fin 26
GB grid size (b) d 100

The bottom surface of the sample is fully constrained, and the top surface is
uniaxially compressed along the X-direction in a displacement-controlled mode, with
a constant strain rate of 5000 s~'. FR sources with a fixed length of 200 b are
randomly distributed in the pillars. The initial dislocation lines are not allowed to
intersect the GB in the bi-crystalline samples. All twelve slip systems of the FCC
crystal are taken into account, with each slip system having four sources (in the
bi-crystalline pillar, there are two sources in each slip system in both grains), resulting
in an initial dislocation density of 100 pm2. A bi-crystalline pillar containing a rigid
GB, which acts as a barrier and prohibits dislocations from penetrating the GB, was

also simulated to examine the influence of GB penetrability on the mechanical

13



Acta Materialia 202 (2021) 88-98

behavior. Since the positions of FR sources are distributed randomly, each result was
achieved by averaging eight realizations with different FR source distributions.

Fig. 3a presents the compressive stress—strain curves of single-crystal A (S-A),
single-crystal B (S-B), bicrystals with rigid GB (B-RGB), and penetrable GB
(B-PGB). It can be seen from Fig. 3a that the flow stress and strain hardening rate of
B-RGB are significantly higher than that of B-PGB. The larger stress of B-RGB is
related to the dislocation pill-ups in front of GBs. Due to the blocking effect of a rigid
GB, the dislocation accumulation at the vicinity of GBs gradually increases with
increasing loading strain. Hence, as shown in Fig. 3b, the dislocation density of
B-RGB increases significantly as the strain increases. As a result, the severe mutual
interaction of dislocations at GB and the lack of sufficient mobile dislocations in the
grain interior lead to increased flow stress and a high hardening rate in B-RGB cases.
On the contrary, if the mechanisms of dislocation absorption at GBs and dislocation
emission from GBs are taken into account, the flow stress is greatly reduced, as the
B-PGB case shown in Fig. 3a. Interestingly, the B-PGB pillars initially yield at point
A and harden to point B with a similar hardening rate as the B-RGB case; after that,
B-PGB immediately enters a stage of ideal plasticity where the flow stress level
remains unchanged with increasing strain. Fig. 3¢ plots the emitted dislocation density
of B-PGB as a function of strain; the corresponding stress and total dislocation density
are also presented in this figure. It shows that the total dislocation density starts to
increase from point A, indicating the dislocations begin to activate and the B-PGB
yields. With further loading, more and more dislocations are blocked in front of GB,
the stress acting on dislocations in the frontier of the pile-up reaches the GB strength,
and then the leading pile-ups are absorbed by the GB. When the emission criteria
(described in Section 3.2) are met, dislocation emission from GBs occurs, the emitted
dislocation density starts to increase with increasing strain, as indicated by point B in
Fig. 3c. At the same time, the flow stress of B-PGB immediately enters a state of ideal
plasticity and deviates from the case of B-RGB (see point B in Fig. 3a). This is
because the emitted dislocations can release the stress concentration at GBs and

provide more mobile dislocations to accommodate further plastic deformation. It can
14
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also be seen from Fig. 3c that the increasing rates of total and emitted dislocation
densities are nearly the same, suggesting that the emitted dislocations play a dominant

role in the deformation and mechanical response of B-PGB after point B.
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Fig. 3. (a) Compressive engineering stress—strain curves and (b) dislocation density versus strain
of single-crystal A (S-A), single-crystal B (S-B), bicrystals with rigid GB (B-RGB) and penetrable
GB (B-PGB). (¢) Evolution of stress, emitted dislocation density and total dislocation density of
B-PGB. (d) The density of emitted and non-emitted dislocation versus strain for Grain A and
Grain B in B-PGB. The curve of the single-crystalline pillar with the same orientation but
half-size as S-B is also plotted in (a). The solid star symbols marked in (a) represent the yield
points taken from the plastic strain of 0.2%. The inset in (b) shows the enlarged dislocation
density versus strain curves of S-A and S-B. Point A and point B (purple dash lines) in subfigures

a—d represent the start of yielding and dislocation emission from GB in B-PGB.

As displayed in Fig. 3a, the single-crystal A (S-A) has a slightly lower yield and

flow stress than that of single-crystal B (S-B). According to the Schmidt law, the
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compressive stress needed for activation of slip systems with the highest Schmid
factor of 0.408 in S-A should be higher than that needed for slip systems with the
highest Schmid factor of 0.467 in S-B. This contradiction is attributed to the
dislocation activations. There are eight slip systems sharing the highest Schmid factor
in S-A, while the S-B only has one slip system with the highest Schmid factor.
Therefore, the number of potential dislocations to be activated and multiplied in S-B
is much smaller than that in S-A. Hence, the first dislocation activation to yield the
pillar for S-A is easier, leading to lower compressive yield stress. In order to further
examine the difference of dislocation activation and motion in these two
single-crystalline pillars, Fig. 4 shows the percentage of the contribution of
dislocation motion in each slip system to the whole plastic strain of the pillars during
plastic deformation. As can be seen in Fig. 4, there are eight slip systems that
contribute to the whole plastic deformation in S-A, while there are only three slip
systems that are activated and contribute to the deformation of S-B. The dislocation
density during the plastic deformation of S-A is higher than S-B, as shown in the inset
of Fig. 3b. Again, this is because there are more slip systems available to operate the
dislocations in S-A, thus leading to a higher dislocation density than that of S-B. As
for the S-B sample, it is interesting to see that the dislocation sources are first
activated in the slip system with the highest Schmid factor of m=0.456, and then the
dislocations in another two slip systems with the second-highest Schmid factor of
m=0.350 are gradually triggered to accommodate an increasing plastic deformation.
The contribution percentages of these slip systems gradually reach a steady value at
an engineering strain around 1.1% and then keep stable until the end of loading (as
seen in Fig. 4b). Additionally, the S-A case shows that the contribution percentages of
eight equivalent slip systems with an identical Schmid factor of m=0.408 are not the
same (see Fig. 4a), although the values are obtained by averaging eight realizations.
This phenomenon is mainly caused by the strong stochastic nature of crystalline
materials at small scale. Fig. 3d presents the density variation of emitted and
non-emitted dislocations in Grain A and Grain B, as a function of strain, for the case

of B-PGB. It can be seen that the density of emitted dislocation in Grain A is much
16



Acta Materialia 202 (2021) 88-98

higher than that of Grain B. This can be attributed to the following aspect: As shown
in Fig. 3a, the abrupt elastic-plastic transition point of S-B occurs at an engineering
strain of about 0.35%, which is 0.05% smaller than that of S-A. This implies that the
first dislocation activation to yield the material in Grain B will be earlier than that of
Grain A for the B-PGB samples. Therefore, a larger number of dislocations from
Grain B are piled up near the GB and then absorbed by the GB, resulting in more
dislocations emitted to adjacent grain (Grain A). This process can be envisaged as a

dislocation ‘transmission’ (absorbed then emitted) through the GB.

50 120
— m=0.467
(a) eight blue lines: m=0.408 (b) 2:0 350
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Fig. 4. Percentage of the contribution of each slip system to the whole plastic strain of the pillars
during plastic deformation. (a) Single-crystal A (S-A) and (b) Single-crystal B (S-B). The Schmid
factor m of 12 slip systems for S-A ([0 0 1]-oriented) and S-B ([1 2 3]-oriented) are listed in Table

1.

The elastic moduli for S-A, S-B and B-PGB obtained from Fig. 3a are
Es-2=63.88 GPa, Es-s=73.17 GPa and EB-pGe=68.59 GPa, respectively. As expected,
the elastic modulus of the bi-crystalline pillar lies between its component
single-crystalline ones and approximately follows the rule of mixture, i.e., EB-pGB~
(Es-at+ Es-B)/2. Fig. 3a also shows that the yield stress ov2 defined as the stress at a
plastic strain of 0.2% in B-PGB (ov2=320 MPa) is higher than that in its
single-crystalline components, S-A (ov2=225 MPa) and S-B (0v2=247 MPa). This
result is in good agreement with experimental observations reported in the literature

[34, 40-44]. Most of the experimental studies [34, 40] mainly attributed the hardening
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and higher strength of bi-crystalline pillars to the reduction of dislocation length in the
component grains resulting from the dislocation obstruction by GB (each grain in a
bi-crystal is half of the single- or bi-crystalline pillar size). However, as mentioned
above, in this simulation, the hardening stage from point A to point B in Fig. 3a is
mainly attributed to the dislocation pile-up in front of GB. However, this does not
mean that the effect of dislocation obstruction by GB has been excluded. Ng and
Ngan [41] conducted compression experiments on bi-crystalline Al pillars with a
large-angle GB and found severe dislocation accumulation near the GB. They pointed
out that the higher strength in a bi-crystal was mainly due to the significant
dislocation pile-ups at GBs, although the smaller size of the two constituent grains
(compared with that of single-crystalline pillars) might also partially contribute to the
higher flow stress. In order to clarify this issue, A single-crystalline pillar having the
same orientation as S-B ([1 2 3]-oriented) but with only half the size of the
bi-crystalline pillars is simulated. The dimensions of this sample in X, Y and Z
directions are 24000, 800b and 4000, respectively. The initial FR source length,
dislocation density and other simulation set-ups keep the same as that used in S-B.
The simulated stress—strain curve for this smaller single-crystalline pillar is plotted in
Fig. 3a. It clearly shows that the yield strength ov2, as well as the following flow
stress of this smaller S-B lies between the cases of B-PGB and larger S-B. This
indicates that the hardening induced by both the dislocation accumulation behind the
GB and size effect from the reduced volume in each grain of B-PGB pillars is
responsible for the higher flow stress of B-PGB compared with its same-sized
single-crystalline counterparts. This conclusion is consistent with Ng and Ngan’s
experiments [41].

Dislocation networks for S-A, S-B, B-RGB and B-PGB at a total engineering
strain of 1.2% are presented in Fig. 5a. It shows that there is no dislocation
accumulation in the cases of S-A and S-B since the dislocations can sweep through
the whole sample and annihilate at the surfaces freely for the single-crystalline pillars.
In contrast, the B-RGB pillar, which contains a rigid GB, has substantial dislocations,

from both Grain A and Grain B, piling up in the vicinity of GB. However, in the
18
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B-PGB case, where the dislocation absorption and emission are considered, the
dislocation accumulation in front of GB is reduced. To examine the dislocation
distribution quantitatively, the distributions of the total dislocation density along the
Z-axis (the normal direction of the GB) for single- and bi- crystalline pillars are
plotted, as shown in Fig. 5b. The whole sample was divided into 16 slabs in the Z
direction, and then the average of dislocation density in each slab was calculated. It
can be seen from the figure that the dislocation density does not change along Z-axis
for single crystal, whereas there is a peak dislocation density at GB for the
bi-crystalline ones. It should be noted that the total dislocation density of B-PGB
increases intensively with increasing strain after point B (see Fig. 3b). According to
the Taylor hardening mechanism, the strength will rise in proportion to the square root
of dislocation density. However, the flow stress of B-PGB still keeps at a constant
level with increasing strain, as shown in Fig. 3a. This is because the high total
dislocation density in B-PGB is mainly composed of emitted dislocations. The
emitted dislocations can operate into the grain interior and then generate plastic strain,
which may greatly compensate for the increment of strength that comes from the
forest hardening of dense dislocations, leading to an overall response of ideal
plasticity as shown in Fig. 3a. Fig. 5b also supports this argument. As observed from
this figure, there are comparable values of total dislocation density at the position of
GB (Z=0) for B-RGB and B-PGB. However, for the case of B-RGB, the dislocation
accumulation at GB consists of pilling up dislocations, which are immobile and thus
induce high back stress to inhibit further dislocation motion in the grains, contributing
to a significantly high work-hardening rate. While there are a large number of emitted
dislocations (red dislocation lines in Fig. 5a) residing near the GB in the B-PGB pillar.
The emission events can provide more mobile dislocations and contribute to the
softening of the pillar, resulting in the absence of strain hardening in the case of

B-PGB after point B (see Fig. 3a).
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Fig. 5. (a) Representative dislocation structure at 1.2% straining for S-A, S-B, B-RGB and B-PGB
samples. The blue and green dislocation lines in B-RGB and B-PGB represent the dislocations at
Grain A (left grain) and Grain B (right grain), respectively, the red lines in B-PGB are the emitted

dislocations. (b) Dislocation density distribution along the Z-axis for four types of pillars.

The stress—strain curves of the micron- or nano-sized crystalline pillar is jumpy
and stochastic. The stress—strain curves exhibit strain bursts under the load-controlled
manner, while stress drops will be observed in a displacement-controlled mode, as
investigated in the present work [45, 46]. Fig. 6 presents the stress drop number
versus stress drop size for four types of pillars. Here, we define the stress drops with

size larger than 20 MPa (Aoc>20 MPa), between 10 MPa and 20 MPa (10

MPa<Ao <20 MPa), and smaller than 10 MPa (Ao <10 MPa) as large, medium, and

small stress drops, respectively. It can be found that the number of large and medium

stress drops in the pillars is S-B > S-A > B-PGB > B-RGB.
The stress drops Ao in micropillar can be qualitatively explained according to

Hook’s law

Ao = E(As ~ Asp), (8)
where Ag and Ag” are the external and plastic strain increment of pillars for a

DDD step, respectively. As seen from Eq. (8), when AgP is larger than Aeg, the

stress drop occurs (Ao becomes negative). A larger plastic strain increment in a
DDD step will result in a larger stress drop. The plastic strain comes from the
movement of dislocations, and the average moving distance in a DDD’s simulation

step can be approximated to be the dislocation mean free path (MFP). This implies
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that the larger MFP will generate a larger plastic strain during a time step, thus leading
to a larger stress drop. The MFP A consists of contributions due to GB and forest

dislocations in a harmonic way as [47, 48]

i T ©)
ko kod

f

1 ~
A
where p, is the forest dislocation density, d is the grain size, k and £,

characterize the obstacle strength of forest dislocations and GB, respectively. It is

noted that GB is a stronger obstacle comparing with forest dislocations, thus

k. >k

f GB "’

In the sing-crystalline pillars, there are eight slip systems activate during the
plastic deformation in S-A, while the S-B only has three slip systems to operate, as
shown in Fig. 4. This suggests that there will be stronger dislocation interactions in
the S-A pillar, leading to a higher forest dislocation density and a smaller MFP for
dislocation gliding. While for the case of S-B, due to a lower probability of
dislocation interaction with each other, the activated dislocations can move with a
larger MFP in each intermittent operation. Moreover, the relatively higher dislocation
density of S-A compared to the case of S-B shown in the inset of Fig. 3b also
manifests that the MFP for dislocation gliding in S-A is smaller than in S-B. A larger
MFP means that dislocations can sweep a larger area and create a larger plastic strain
increment. Thus, large and medium stress drops in S-B are more than that in S-A.

Compared with the single-crystalline pillars, the stress drop sizes in bi-crystalline
pillars are smaller. The phenomenon of smaller stress drops in bi-crystals is consistent
with experimental findings [34, 35, 41] and previous three-dimensional DDD study
[20]. Theoretically, smaller stress drops have a relationship with the smaller MFP.
According to Eq. (9), the MFPs of dislocations in bi-crystalline pillars are reduced

owing to the impeding and truncating effects of GB on dislocation gliding. Such

impeding effects are larger in B-RGB than that in B-PGB; thus, it gives k&, >k

RGB

and A, > A, according to Eq. (9). Moreover, in contrast to the absence of
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dislocation emission in B-RGB, the emitting event in B-PGB can also generate a
relatively large stress drop. Thus, B-PGB has more large and medium stress drops

than B-RGB.

; [ B-RGB
64 I B-PGB

Stress drop number

Aoc<10 10£A6 <20 Ao >20
Stress drop size Ao (MPa)

Fig. 6. Stress drop number versus drop size for S-A, S-B, B-RGB and B-PGB samples in the
whole deformation.

4.2 Effect of GB misorientation on bi-crystalline nanopillars

In this section, compression simulations on three bi-crystalline nanopillars
containing large-angle symmetric tilt GBs with different misorientation angles (6)
around the [1 1 0] tilt axis are conducted to validate the present dislocation-GB
interaction model further. The geometry and dimension of the bi-crystalline pillars are
the same as the pillar in Section 4.1 (see Fig. 2). The GB’s [1 1 0] tilt axis of three
studied bicrystals, i.e., bicrystals A (B-A), bicrystals B (B-B) and bicrystals C (B-C),
are aligned with the Y-axis. It means that the loading direction in X-axis is
perpendicular to the [1 1 0] tilt axis (see Fig. 2). This set-up has also been adopted in
MD simulations to investigate the effect of GB on the mechanical response of
bi-crystals [49-53]. The GBs of three bicrystals, together with corresponding
misorientation angle, GB energy s (taken from Ref. [49]) and GB strength 7cB
(7eB=pcB/b) are listed in Table 3. Note that two constituent grains in bicrystals have
the same highest Schmid factor to the loading direction. The highest Schmid factors

of three samples are also summarized in Table 3. The initial Frank-Read source length
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and dislocation density in three pillars here are identical with the bi-crystalline pillar

investigated in Section 4.1.

Table 3. Summary information of [1 1 0] symmetric tilt grain boundaries in bicrystals A (B-A),

bicrystals B (B-B) and bicrystals C (B-C).

Sam- GB Misorientat- GB energy  GB strength  Schmid factor  Yield stress
ples X (hk]) ion angle (°) 8 (mJ/m?) 76 (MPa) m oy (MPa)
B-A Z19{116} 26.5° 406.3 1625.2 0.430 328

B-B  XZ139{3311} 42.2° 319 1276 0.399 352

B-C X33{225} 58.9° 300 1200 0.334 425

The engineering stress-strain curves of three bicrystals are depicted in Fig. 7a.
The yield stresses taken from the flow stresses at 0.2% plastic strain for B-A, B-B and
B-C are 328 MPa, 352 MPa and 425 MPa, respectively; these values are also listed in
Table 3. From Table 3 and Fig. 7a, it can be seen that the yield stress, as well as the
flow stress after yielding, increases as the GB’s misorientation angle increases. This
result qualitatively agrees with previous studies using molecular dynamics
simulations [50, 54]. However, this does not mean that the difference in yield stress
solely comes from the effect of GB misorientation since the highest Schmid factors of
three samples are different. To eliminate this influence, the resolved shear stresses,
which are calculated by multiplying the stresses in Fig. 7a by the corresponding
highest Schmid factors. Fig. 7b displays the relationship between resolved shear stress
and plastic strain. It shows that the resolved shear stresses of three bicrystals are
nearly the same at a plastic strain of ~0.1%. With further loading, the resolved shear
stress of B-C starts to be significantly lower than that of B-A and B-B, especially
when the plastic strain is larger than ~0.3%. Also, Fig. 7b shows that the stress of B-B
is slightly higher than the case of B-A after 0.4% plastic strain. These results show no
direct relationship between resolved shear stress and the GB misorientation for
present simulated cases. The curves of total dislocation density versus plastic strain
for three samples are also plotted in Fig. 7b. As shown in the figure, the total
dislocation density of B-C is highest among the three samples. This may explain why
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the B-C has the lowest flow stress: since the dislocation density is relatively high in
the case of B-C, there might be more mobile dislocations in this bicrystals. In B-C, the
forest hardening resulting from dislocation interactions may be weaker than the
softening induced by the motion of mobile dislocations, thus rendering a very low
resolved shear stress. However, this explanation does not suit for the cases of B-A and
B-B, since the dislocation density of B-A is higher than of B-B; meanwhile, the
resolved shear stress of B-A is also larger than that of B-B after the plastic strain of
~0.7% (see Fig. 7b). In this case, the forest hardening of dense dislocations may play
a dominant role, causing a trend of a higher dislocation density with higher stress.

Fig. 7c presents the total length of absorbed dislocations and the density of
emitted dislocation versus plastic strain for three types of pillars. It shows that the
overall trend of emitted dislocation density is analogous to that of total dislocation
density shown in Fig. 7b, indicating that the density of emitted dislocation plays a
significant role in the stress-strain response of these bicrystals. Although the GB
strengths are different for these bi-crystalline pillars, they have almost the same
absorbed dislocations length at GBs, as shown in Fig. 7c. Fig. 7d plots the
distributions of total dislocation density along the Z-direction that is perpendicular to
the grain boundary. It can be observed that the dislocation density decreases from the
GB to the free surface. The dislocations residing near the GB mainly consist of
mobile emitted dislocations and immobile pilling up dislocations from grain interior
and emitted dislocations. These dislocations contribute to the softening or hardening
of flow stress, depending on the complicated competition between the classical Taylor
hardening induced by dislocation interactions and the softening from the motion of
mobile dislocations.

From the above analysis, it can be seen that the mechanical responses of the
bi-crystalline pillar containing a large-angle symmetric tilt GB investigated here do
not depend on (at least do not explicitly depend on) the misorientation angle or the
GB strength (or GB energy). Instead, the overall responses of compressive bicrystals
are correlated with the complicated GB structure, dislocation—dislocation interactions,

dislocation-GB interactions and mobility of dislocations in the samples.
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0.2% plastic strain. (b) Variations of resolved shear stress and total dislocation density as a

function of plastic strain. (c) The total length of absorbed dislocations and density of emitted

dislocation versus plastic strain. (d) Distribution of total dislocation density along the Z-axis

(normal of GB) at a plastic strain of 1.0%.

5. Conclusions

In current work, a generalized dislocation—-GB interaction model applicable for

various GB types is developed and introduced into the framework of 3D DDD. In this

dislocation—GB interaction model, a ‘coarse-graining’ method is used to handle the

complex dislocation absorption at GBs and dislocation emission from GBs without

much loss of physical meanings. In addition, to validate the established dislocation—

GB interaction model, the compressive behaviors of bi-crystalline pillars containing a

rigid GB and a penetrable GB, together with two single-crystalline counterparts, were

simulated and compared with each other. Furthermore, three bi-crystalline nanopillars
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containing large-angle symmetric tilt GBs with different tilt angles under uniaxial
compression were simulated to investigate the effect of GB misorientation on the
mechanical behavior of bicrystals. The main findings are summarized as follows:

(1) The strain hardening rate and the flow stress of nanopillars containing a rigid
GB are significantly higher than that in the case of penetrable GB, due to the high
back stress resulting from severe dislocation pile-ups in front of GB. With the
considerations of dislocation absorption at GBs and dislocation emission from GBs in
the dislocation—GB interaction model, pillars with a penetrable GB can release stress
concentration at the GB and thus lower the flow stress and weaken the strain
hardening rate.

(2) The yield stress of the bi-crystalline pillar with a penetrable GB is higher than
its constituent single-crystals. The simulation result indicates that, inconsistent with
some literature, the higher yield strength of bicrystals does not come from the reduced
dislocation length induced by GB obstruction alone. Instead, both dislocation pile-up
at GBs and reduced dislocation length contribute to the higher yield stress of the
bi-crystalline pillars.

(3) Due to the lack of dislocation emission events, the stress drop size of the
bicrystals with a rigid GB is smaller than that of penetrable GB. In addition, the stress
drop size in the case of bicrystals with penetrable GB is smaller than that of single
crystal, since the dislocation can sweep in a larger area at each dislocation operation
in a single crystal. Besides, the stress drop size of a single crystal is related to the
crystallographic orientations. More activating slip systems and higher dislocation
density during deformation will increase the possibility of dislocation-dislocation
interactions and thus leading to smaller drop size.

(4) Neither GB misorientation nor GB strength (or GB energy) has a direct
influence on the mechanical responses (such as resolved shear stress, dislocation
absorption and emission) of the bicrystals containing a large-angle symmetric tilt GB.
The overall flow stress of the bicrystals is a result of the complicated GB structure
and the competition between the hardening from forest dislocation interactions and

softening from the motion of mobile dislocations in the grain interior.
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Finally, it should be mentioned that the dislocation-GB interaction model
developed in this work is convenient to be implemented into the polycrystalline
discrete dislocation dynamics simulation with a random distribution of grain
orientation and arbitrary grain geometry. It is meaningful and valuable to study the
mechanical responses and properties of polycrystalline materials using 3D dislocation

dynamics, which is the goal of our future work.
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