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Abstract  

In this study, the recrystallization kinetics of two 316L stainless steels produced by Laser Powder-Bed 

Fusion (LPBF) were compared. The as-built microstructures of the studied materials differed by their 

grain size, their grain boundary character distributions, and their populations of nanoprecipitates. Strong 

differences in their recrystallization kinetics were observed; they were attributed to a delayed nucleation 

in the steel exhibiting the finer grains, the lower density of low-angle boundaries (LAB), and the higher 

volume fraction of precipitates. This work shows that a high density of LABs stemming from the 

solidification stage in the LPBF process promotes recrystallization by locally increasing the stored 

energy close to grain boundaries, and hence the formation of recrystallization nuclei. The design of low-

LAB microstructures could thus lead to higher stability at high temperatures.  
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1. Introduction 

 

 AISI 316L stainless steels possess good corrosion resistance properties due to a chromium 

content close to 18 % in mass [1], [2] and to their low carbon content. They are widely used in 

applications such as nuclear power plants, where they are present in many components of pressurized 

water reactors [3], as well as in automotive and aerospace industries. On the other hand, additive 

manufacturing techniques provide ways to produce parts that can respond to various issues encountered 

in these industries, such as fast prototyping, production of complex-shaped parts, manufacturing process 

simplification, reduction of material waste, and repairing of damaged parts [4]–[6].   

In recent years, the microstructure and mechanical properties of 316L stainless steel produced by laser 

powder bed fusion (LPBF) have been extensively compared to those of conventionally processed grades. 

Namely, 316L stainless steels produced by LPBF (LPBF 316L SS) possess a unique solidification 

microstructure due to the high cooling rates caused by the manufacturing process [7]. Their main 

microstructural features are melt-pool boundaries, columnar grains with strong crystallographic texture 

[8]–[11], intragranular solidification cells bounded by chemical segregations [7], [12], [13], dislocation 

substructures [7], [14], [15] and dispersions of nanometer-sized precipitates [16]–[18]. One of the main 

drawbacks of such microstructures is their strong mechanical anisotropy [7], [15], [19]–[23], which can 

however be reduced by applying recrystallization post-heat treatments resulting in a new isotropic 

microstructure composed of equiaxed grains [16], [21], [24], [25]. Recrystallization is also known to 

improve the corrosion properties of LPBF 316L SS by homogenizing their  microstructure [26], although 

it has been reported that the pitting corrosion resistance can drastically decline after some heat treatments 

at high temperatures, mainly due to the coarsening of oxide inclusions and, to a lesser extent, to the 

formation of MnS particles [27].   

Significant discrepancies in the heat treatment conditions needed to achieve full recrystallization 

of this material are reported in the literature [13], [16], [21], [24], [28]–[31]. Yet, most studies aimed at 

obtaining recrystallized microstructures with little interest in the recrystallization scenario. 

Consequently, it is difficult to determine whether these discrepancies resulted from actual differences in 
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behavior among the heat-treated materials or from a lack of global vision of the recrystallization 

phenomenon. There are, however, reasons to believe that the recrystallization kinetics in LPBF 316L 

SS may vary to some extent owing to its well-known microstructural dependency on the LPBF process 

parameters [8], [32]–[35]. For instance, de Terris et al. showed that the LPBF processing parameters 

had an effect on recrystallization kinetics in Inconel 625 [36], demonstrating that using parameters 

leading to a high volume energy density increased the recrystallized fraction obtained after a given heat 

treatment.   

So far, only two recent studies focused on the recrystallization mechanism of LPBF 316L SS 

[28], [31], the latter highlighting the difference in recrystallization kinetics between LPBF and 

conventionally processed 316L SS. Indeed, while Di Schino and coworkers [37] reported almost 

complete recrystallization of 20 % cold-rolled wrought 316L after 120 seconds at 1100 °C, the two 

aforementioned studies showed that the fully recrystallized state was not reached for LPBF 316L SS 

after 1 h at 1150 °C.  Pinto and coworkers [31] attributed this sluggish recrystallization kinetics to a 

non-random distribution of nuclei in LPBF 316L SS, possibly due to an effect of the particular texture 

of these materials in the as-built state, according to Aota and coworkers [28],  and to a strong pinning 

effect of second-phase particles slowing grain boundary migration. Two other microstructural features 

are also assumed to possibly hinder recrystallization in LPBF materials: (1) a low driving force due to a 

small difference in stored energy between adjacent grains, as observed in LPBF CM247LC by Xu and 

coworkers [38]; (2) the low-energy configurations of intercellular dislocations, further stabilized by 

chemical segregations, decreasing the mobility of dislocations at low temperatures [16], [30]. 

Aota and coworkers [28] compared the recrystallization kinetics of two LPBF 316L steels 

having two slightly different microstructures due to different scanning strategies used during LPBF 

processing. They observed that the material exhibiting a smaller grain size (42 ± 31 µm) and a higher 

fraction of high angle boundaries (HAB) recrystallized slightly faster than the material having a coarser 

grain structure (61 ± 43 µm) with a lower HAB density. Similar results were reported for Hastelloy X 

produced by LPBF [37]. However, opposite results have been reported on two LPBF 316L SS with 

different grain sizes by Chniouel [21] after hot isostatic pressing at 1100 °C for 3 h under 1800 bars. 

Indeed, he did not observe recrystallization in the steel exhibiting the finer as-built microstructure, 
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whereas the steel with coarser grains (grain size ratio of 3.2) was fully recrystallized. This rather 

uncommon and counterintuitive microstructural stability of a finer microstructure, so far unique in the 

LPBF literature, appears to be in direct contradiction with the results obtained in the two aforementioned 

studies. This shows that the recrystallization mechanisms of LPBF 316L SS are still not fully understood 

and that the effect of the as-built microstructural features on the recrystallization behavior of these 

materials remains an open question.    

This present work therefore addressed the effect of the as-built microstructure on the 

recrystallization kinetics of LPBF 316L steel. First, two different as-built microstructures of LPBF 316L 

steels were produced and characterized. The recrystallization kinetics of these microstructures were then 

compared. The possible impact of the microstructural differences on the recrystallization kinetics is then 

discussed. 

 

2. Materials and methods 

56×56×56 mm3 cubes were manufactured with an SLM Solutions 280HL 3D printer from two 

316L powders, the first one provided by SLM Solutions (Steel A) and the other one by Praxair (Steel 

B). The mean particle sizes were equal to 30 μm for both powders according to suppliers’ data, and 

powders were systematically sieved in a 50 μm-sieve and heated up to 60 °C before use in the AM 

printer to remove humidity. The cubes were built under argon atmosphere using a laser power of 200 

W, a beam speed of 800 mm/s, a hatch spacing of 120 µm, and a layer thickness of 30 µm. A raster 

scanning strategy with 7-mm-wide strips and a 67° rotation between layers was used, with additional 

settings regarding the orientation of the strips in relation to the argon flux to limit the slag deposition 

during construction. As-built cubes possessed a relative density of 99.7 %, and their chemical 

compositions were determined as reported in Table 1. 

 Fe Cr Ni Mn Mo Si O N C 
Steel A Bal. 17.7 11.9 0.8 2.4 0.4 0.03 0.09 0.019 
Steel B Bal. 16.6 12.0 1.2 2.6 0.6 0.08 0.01 0.004 
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Table 1: Chemical composition of as-built cubes made of Steels A and B (in weight percent) as 

measured by ICP-AES for major and minor elements and by combustion analysis for trace elements 

(O, N, C). Relative uncertainties are 3% for major and minor elements and 10% for trace elements. 

 

In order to investigate the microstructural evolutions at high temperature, 20×15×10 mm3 

samples were cut from the as-built parts and held under air at 1100 °C or 1200 °C for times ranging 

from 10 min to 4 h and subsequently water quenched. The furnace temperature was controlled by 

thermocouples to ensure the reproducibility of the heat treatments. The heating rate of the samples was 

estimated to be 800 °C/min after their introduction into the hot furnace. 

After quenching, the specimens were cut along the building direction then mounted and 

mechanically polished with SiC grinding papers (200 to 1200-grit grades) and colloidal diamond 

solutions (7 to 1 µm grades) to achieve a mirror surface finish. A final polishing step with a colloidal 

silica suspension was applied to specimens for electron backscatter diffraction (EBSD) analysis. The 

samples to be observed by scanning electron microscopy (SEM) were further etched using an aqueous 

solution of 10 % oxalic acid by applying a 7 V voltage during 30 s. Thin foils for transmission electron 

microscopy (TEM) and further EBSD analyses were prepared by cutting 200-µm-thick disks from a 3-

mm-diameter cylinder machined along the building direction (BD). These disks were subsequently 

mechanically ground down to a thickness of 120 µm and electrolytically thinned using a 45 % 

butoxyethanol, 45 % acetic acid, 10 % perchloric acid solution with a 30 V tension at 0 °C.  

SEM observations were conducted using a ZEISS Sigma 300 field emission gun (FEG) SEM. 

EBSD analyses were performed with a Nordif detector using a 20 kV acceleration voltage, a 240 µm 

aperture, a working distance of 20 mm and a step size ranging from 0.25 to 2 µm. TEM observations 

were conducted using a FEI Tecnai F20 FEG-TEM with a 200 kV acceleration voltage. 

The solidification cell diameters as well as the size distributions and volume fractions of 

nanoparticles were determined from SEM images using the ImageJ software. Solidification cell 

diameters were taken from the average of 1500 measurements of randomly oriented cells. Quantification 

of nanoparticles was performed under a 20,000 magnification over a total area of 200 µm², for a total 
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number of 800 particles in the as-built state. Data from EBSD was processed with the OIM software to 

directly establish (without any cleaning of the raw data) orientation and grain orientation spread (GOS) 

maps of the analyzed samples. GOS maps were subsequently used to calculate the recrystallized fraction 

𝑓 ைௌ under the assumption that recrystallized grains exhibited a GOS lower than 1°, such that 𝑓 ைௌ =

 𝑆ீைௌழଵ 𝑆்ை்⁄ , where 𝑆ீைௌழଵ was the area occupied by grains exhibiting a GOS lower than 1° and 𝑆்ை்  

the total analyzed surface. The dimensions of these surfaces were chosen to have the same number of 

grains in each analyzed sample (i.e. between 1000 and 1200 grains): 1500 × 1000 µm² for Steel A, and 

from 500 × 500 µm² (for non-recrystallized samples only) to 1500 × 1000 µm² (for other samples) for 

Steel B, the representative surface of non-recrystallized Steel B being smaller due to its smaller grain 

size. For this analysis, a 5° pixel-to-pixel misorientation was used to define grain boundaries, and pixels 

with a confidence index lower than 0.1 were not taken into account. However, the as-built 

microstructures of steels A and B already contained a fraction of grains that fulfilled the criterion GOS 

< 1°. In this non-recrystallized state, this is due to an effect of grain size on the GOS value: for a given 

gradient in crystal orientation, the smaller the grain size, the lower the misorientation spread, and 

consequently the lower the GOS [31], [40]. A correction is then necessary to give the true recrystallized 

fraction 𝑓:  

 𝑓 =
௙ಸೀೄି ிೌ್

ଵି ிೌ್
,  (1) 

where 𝐹௔௕ is the value of 𝑓 ைௌ in the as-built state of the considered steel, and equal to 0.04 and 0.14 for 

as-built steels A and B, respectively. Details about the calculation of this correction can be found in 

Appendix 1. Some orientation and GOS maps used for the calculation of recrystallized fractions are 

given in Appendix 2 and Appendix 3. 

In this work, high-angle boundaries (HABs) and low-angle boundaries (LABs) were defined by 

pixel-to-pixel misorientations higher than 15° and between 2° and 15°, respectively. 

In order to monitor softening as a function of the holding time at high temperature, Vickers 

hardness testing (HV10) was performed on a plane parallel to BD using a load of 10 kg for 15 s. 10 

measurements were carried out on each sample. 



7 
 

3. Results 

3.1 As-built microstructures 

 The as-built microstructure of Steel A was composed of large columnar grains mostly oriented 

along the building direction (BD), with a significant <011> texture along this same direction (Figure 

1a). This grain morphology was typical of what is usually observed in LPBF 316L SS [7]–[11], [16], 

[41], [42]. On the other hand, Steel B exhibited smaller columnar grains and a less textured 

microstructure (Figure 1b).  

Despite exhibiting a similar density of boundaries, there were significant differences in the 

nature of those boundaries depending on the considered steel (Figure 1c-d, Table 2). Indeed, half of the 

grain boundaries observed in Steel A were LABs, highlighted in red in the orientation maps of Figure 

1a & Figure 2a and visible in the IQ map of Figure 2c. These LABs consisted of abrupt changes (by 

several degrees) of the crystal orientation; they delimited 2 – 10 µm-long regions where the crystal 

orientation varied only smoothly, as shown in Figure 2e. Voisin et al. reported a very similar grain 

structure for LPBF 316L SS and postulated that these LABs resulted from misorientations due to the 

melt pool dynamics during solidification, i.e. from boundaries between packets of solidification cells 

sharing a similar crystal orientation [16]. Following this assumption, these LABs will thus be referred 

to as solidification LABs below. The fraction of LABs was lower in Steel B (Table 2), where most grains 

were LAB-free as shown in Figures 2.b-d. Misorientation line plots in Figure 2.e confirmed that 

intragranular misorientations did not result from incremental rotations of the crystal lattice but mostly 

from a continuous orientation gradient. On the other hand, Steel B exhibited a larger fraction of Σ3 

boundaries compared to Steel A. They were in majority incoherent twin boundaries (Figure 1d and 

Table 2). The microstructural features exhibited by steel B, i.e, fine grains, weak crystal texture, low 

LAB density and high density of incoherent twin boundaries, are rather uncommon in as-built LPBF 

316L but were nonetheless reported in previous studies [19], [21], [43]–[44].  
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Figure 1 : Inverse pole figure maps of a) as-built Steel A and b) as-built Steel B in a plane containing 

BD (projection of BD in the standard triangle, step size : 0.7 µm; HABs plotted in black, LABs in red). 

Grain boundary misorientation density distribution for c) Steel A and d) Steel B. 

 

Density (m/m²) LABs  HABs  Σ3 boundaries  Total  
Steel A 1.4×105 1.3×105 2.7×103 2.7×105 
Steel B 3.5×104 2.9×105 8.6×104 3.3×105 

Table 2: Density (m/m²) of LABs, HABs, Σ3 boundaries and total boundary density in as-built Steels A 

and B, as measured from EBSD maps. 
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Figure 2: Inverse pole figure maps (according to BD) of a) as-built Steel A and b) as-built Steel B in 

the plane perpendicular to BD. HABs are plotted in black and solidification LABs in red. c) and d) 

Image quality maps (IQ) of the same regions with HAB plotted in black. e) and f) point-to-origin and 

point-to-point misorientation line plots along lines 1 and 2, respectively. 
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Despite these differences, both steels exhibited a similar fine-scale microstructure consisting of 

solidification cells (Figure 3a-b) delimited by chemically enriched intercellular boundaries (light gray 

in figures 3a-b). The cell diameters were 400 ± 50 nm regardless of the steel. Dislocations overlapping 

with cell boundaries were observed in both samples, as commonly reported for LPBF 316L stainless 

steels  [7], [14], [16], [30], [46], [47] (Figure 3c-d). To clarify the distinctions between the different 

microstructural elements described in this section, the grain structure of steels A and B is schematized 

in Figure 4.  

Nano-precipitates consistent with the manganese silicates reported in the literature [7], [16], 

[17], [29] were also observed. Based on their diameters, two categories of nanoparticles were identified 

by SEM (Figure 3), their size distributions being quantified in Figure 5. The total volume fraction of 

these particles was approximately 2.3 times higher in Steel B than in Steel A, namely, (0.7 ± 0.1) % and 

(0.3 ± 0.1) %, respectively. This ratio was similar to the ratio of oxygen contents in as-built materials 

(Table 1), which is known to be directly related to the number density and size of precipitates [18]. 

However, in the present work, the surface density of particles appeared slightly higher in Steel A 

(3.9×1012 m-2) than in Steel B (3.5×1012 m-2). This coincides with a slightly higher fraction of smaller 

particles in Steel A (Figure 5.a). 
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Figure 3: SEM-backscattered electron (BSE) micrographs of solidification cells and nano precipitates 

of a) Steel A and b) Steel B; TEM bright field images of dislocations, close to a <001> zone axis, of c) 

Steel A and d) Steel B. Black and green arrows respectively point to smaller and larger nano 

precipitates. 

 

Figure 4: Schematic representation of the grain structure in Steels A and B.  is the misorientation 
angle between neighboring regions. 
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Figure 5: Equivalent circle diameter distributions of nanoprecipitates for a) Steel A and b) Steel B. 

 

 

3.2 Microstructural evolution after heat treatment 

3.2.1 Recrystallization kinetics 

Figure 6 shows the evolution of the recrystallized fraction in Steels A and B after holding at 

1100 °C and 1200 °C. Clear differences in the recrystallization kinetics of both steels can be observed: 

full recrystallization of Steel A was achieved after 4 h at 1100 °C, whereas no recrystallized grains were 

observed in Steel B after the same heat treatment (Figure 6a). Furthermore, recrystallization occurred 

earlier in Steel A compared to Steel B at 1200 °C (Figure 6b), although once the recrystallization had 

initiated, the recrystallized fraction was found to increase faster in Steel B compared to Steel A.  Both 

steels were fully recrystallized after 1 h at 1200 °C. 

3.2.2 Softening evolution 

The evolution of the Vickers hardness after the heat treatments is shown in Figure 7a. Both 

materials experienced a decrease in hardness with holding time, with occurred faster at the highest 

holding temperature. While both steels showed a similar softening kinetics at 1200 °C, some differences 

were observed at 1100 °C. Indeed, at this temperature, the evolution of hardness in Steel A appeared 

consistent with its recrystallization kinetics, while the decrease in hardness for Steel B only arose from 

recovery, as no recrystallization took place. The hardness of heat-treated Steel B reached a plateau after 

30 min holding, suggesting that recovery was complete. Figure 7b shows the decrease in hardness (𝐻𝑉 −
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 𝐻𝑉௔௕), where 𝐻𝑉 and 𝐻𝑉௔௕ are the hardness levels of the heat-treated and the as-built steels, 

respectively, as a function of the recrystallized fraction. The total softening for Steel B after full recovery 

was 40 HV10, while full recrystallization led to softening by 80 HV10. Thus, the recovery phenomenon 

induced half of the total amount of softening for this steel. Furthermore, for both steels, the relationship 

between the recrystallized fraction (as evaluated from EBSD maps) and the softening (as evaluated from 

hardness values) was very similar, indicating that the relationships between microstructural evolution 

and softening kinetics were very close for both steels. Finally, a similar difference in hardness was 

observed between both steels both in the as-built state and after full recrystallization, i.e., 25 HV10. The 

similar softening kinetics exhibited by both steels imply that this difference in hardness was not related 

to a difference in dislocation density in the as-built state, but rather to solid solution hardening stemming 

from the higher concentration of interstitial atoms in Steel B [48]. 

 

Figure 6: Recrystallization kinetics of steels A and B at a) 1100 °C and b) 1200 °C. 

 

Figure 7 : a) Vickers hardness (HV10) of steels A and B as function of the heat treatment time, b) 

Softening as a function of the recrystallized fraction. 
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3.2.3 Nanoprecipitates 

 As illustrated by comparing the orientation map of Figure 8a with the corresponding SEM image 

(Figure 8b) of a partially recrystallized sample of Steel A (1 h at 1100 °C), a significant fraction of 

precipitates was found at boundaries between recrystallized and non-recrystallized grains. These 

precipitates could act as pinning particles on moving grain boundaries, as previously reported for heat-

treated LPBF 316L SS [28], [31], [49]. To further examine the interactions between matrix evolution 

and particles, the precipitate size distribution in partially recrystallized microstructures was separately 

quantified in recrystallized and non-recrystallized grains. Figure 8c-d shows a clear difference in particle 

size distribution between non-recrystallized and recrystallized grains for both steels after 30 min at 1200 

°C. Non-recrystallized grains exhibited precipitates which diameters were only slightly larger than those 

observed in as-built material, ranging from 20 to 200 nm. On the other hand, recrystallized grains only 

contained coarser precipitates (200-600 nm in diameter). After almost complete recrystallization, coarse 

precipitates of several hundreds of nanometers in diameter were found at grain boundaries (Figure 8e-

f). 

  

3.2.4 Microstructural evolution of non-recrystallized grains 

 Dislocations were considerably rearranged in non-recrystallized grains, as shown by TEM 

micrographs of a partially recrystallized Steel B sample (1200 °C - 30 min) (Figure 9a-b). The 

dislocations patterns exhibited by the as-built material (Figure 3d), of 400 ± 50 nm in diameter, were 

replaced with dislocations structures with no particular organization (Figure 9a) and new, coarser 

dislocation-rich subgrain boundaries (SGB) (Figure 9b) ranging between 0.8 and 2 µm in size. These 

new configurations of dislocations are consistent with the full recovery of the materials during heat 

treatment (see the hardness curves of Figure 7a). A schematic representation of the evolution of 

dislocation structures under annealing is given in Figure 9e-f. Figure 10a-b show a region encompassing 

the area of Figure 9b, consisting of a recrystallized grain and a non-recrystallized grain as observed by 

EBSD and TEM. The misorientation plots of Figure 10c show that the new reorganized SGBs on the 
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non-recrystallized grain had a very weak misorientation within the angular resolution of EBSD, i.e., 

lower than 1°. On the other hand, no internal misorientation at all was detected inside the recrystallized 

grains (Figure 10d).  

Solidification LABs remained observable in non-recrystallized grains in Steel A (Figure 9c). 

Their density remained higher than in Steel B and started to decrease after 10 min at 1200 °C, i.e. once 

the recrystallized fraction became higher than 10% (Figure 9d). On the other hand, the LAB density in 

Steel B tended to remain constant with time at 1200 °C before decreasing when full recrystallization 

was reached (Figure 9d). It can therefore be concluded that solidification LABs were not impacted by 

recovery but progressively disappeared due to the migration of HABs during recrystallization. Finally, 

both steels exhibited a similar low LABs density (3 – 4×104 m/m²) after complete recrystallization.  
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Figure 8 a) Orientation map of a partially recrystallized Steel A sample (1100 °C - 1 h) and b) 

corresponding SEM micrograph showing a fairly precipitate-free recrystallized grain,  coarse 

precipitates at the recrystallization front (pink arrows), and small precipitates in non-recrystallized 

grains. Size distributions (in area fractions) of precipitates in non-recrystallized and recrystallized 

grains of c) steel A and d) Steel B after a 30 min heat treatment at 1200 °C. SEM micrographs of e) 

Steel A and f) Steel B after holding at 1200 °C for 1 h showing coarse precipitates at recrystallized 

grain boundaries. 
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Figure 9 : Bright-field TEM images of a) a recovering area and b) a recovered area observed in a 

partially recrystallized Steel B sample (1200 °C - 30 min). c) Inverse pole figure map of a partially 

recrystallized Steel A sample (1100 °C - 1 h) with solidification LABs in non-recrystallized grains 

highlighted in red. d) Evolution of LAB density with holding time at 1200 °C for Steels A and B. 

Schematic representation of the organization of dislocations and SGBs inside grains e) in the as-built 

state: dislocation cells and solidification LABs, and f) in a heat-treated state leading to a partially 

recovered / recrystallized material: two configurations of dislocations, namely, entangled, or 

rearranged into new SGBs; LABs are not affected by recovery, but are no longer present after 

recrystallization. 
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Figure 10: a) Orientation map obtained with conventional SEM/EBSD of a partially recrystallized 

sample of Steel B (1200 °C - 30 min), the black region being the  hole of the thin foil; b) Bright-field 

TEM image of the red framed area of a) showing a HAB between a recrystallized grain and an un-

recrystallized grain. Black and white arrows respectively indicate pinning particles at the HAB and at 

SGBs. c) and d) Point-to-origin and point-to-point misorientation line plots along lines 1 and 2, 

respectively, shown in a).  
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4. Discussion 

 The behavior of Steel A during high temperature holding corresponded to what was generally 

observed for 316L LPBF steels: its recrystallization kinetics was very slow in comparison to those of 

conventionally processed 316L SS [28], [29], [31]. The possible reasons for this have been listed in the 

Introduction section, namely, the stability of the as-built dislocations organization, the pinning effect of 

second phase particles (observed in this work: Figure 8.b and Figure 10.b) and chemical 

microsegregations, the particular as-built texture, and the lack of driving force for grain boundary 

migration. However, the unusual recrystallization kinetics of Steel B and its microstructural stability 

under heat treatments at high temperature, first reported by Chniouel [21] and confirmed in the present 

work, is so far a unique result in the literature. Possible reasons for this atypical behavior are discussed 

in this section. 

4.1 Delayed nucleation of recrystallization in Steel B 

Discontinuous recrystallization is commonly assumed to start with nucleation of a dislocation-

free subgrain, which then experiences growth [50]. The delayed onset of recrystallization at 1200 °C for 

steel B compared to steel A (Figure 6) thus suggests sluggish nucleation in the former. In order to 

confirm this hypothesis, as-built Steel B samples were first heated up to 1200 °C,  for a few seconds 

(case 1) or for 30 min (case 2) then cooled down to 1100 °C and soaked for 1 h (Figure 11). It should 

be recalled no recrystallization was observed for a single-step holding at 1100°C for 1 h in this steel 

(Figure 6a). From EBSD measurements, no recrystallization occurred for case 1, while case 2 resulted 

in a recrystallized fraction of 0.81. From Figure 6b, the 30-min holding at 1200 °C was expected to 

induce a recrystallized fraction of 0.15 (Figure 11), indicating that case 2 induced an evolution of the 

recrystallization fraction during the second isothermal step at 1100°C. The final recrystallized fraction 

in case 2 was, in fact, higher than the fraction measured in Steel A after the same holding time at 1100°C 

(0.56). These results show that the recrystallized fraction of steel B could increase rapidly at 1100 °C 

provided that recrystallization had already been triggered (case 2), but that nucleation of recrystallization 

was impeded at 1100°C regardless of the previous thermal history (case 1). Consequently, the lack of 
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recrystallization in Steel B with respect to Steel A at 1100°C was not due to a slow growth kinetics but 

to some inhibition of the nucleation step.  

 

Figure 11: Different heat treatments applied to as-built Steel B and their resulting recrystallized 

fractions, f. 

In order to further analyze this nucleation step, a hypothesis about the mechanism leading to 

recrystallization has to be made. Figure 12a shows a potential occurrence of strain induced boundary 

migration (SIBM) in Steel B after 10 min at 1200 °C, i.e., before the onset of recrystallization as detected 

using EBSD. This mechanism, involving the formation of a recrystallization nucleus by the bulging of 

a dislocation-free subgrain into a grain of high stored energy [43] [51], has been identified by Ariaseta 

and coworkers as the most likely recrystallization mechanism for LPBF 718 alloy [52]. Assuming that 

SIBM is the dominant mechanism in LPBF 316L SS, several microstructural features could hinder the 

nucleation step. The driving force for the formation of a recrystallization nucleus is the energy 

difference, ∆𝐸, between both grains sharing a common grain boundary, as schematized in Figure 12b. 

The critical radius, 𝑅௖௥௜௧, that a subgrain close to a HAB should reach in order to induce bulging, and 

thus to become a nucleus, is related to ∆𝐸 = 𝐸ଶ − 𝐸ଵ, where 𝐸ଵ and 𝐸ଶ are the corresponding stored 

energies on each side of the HAB, such that [53]: 
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𝑅௖௥௜௧ =  

2𝛾

∆𝐸
 (2) 

where 𝛾 is the energy per unit area of the HAB. Assuming thermally activated growth, a relatively 

dislocation-free region/subgrain of initial size 𝑅଴ and adjacent to the HAB will reach this critical radius 

after a time 𝑡௜௡௖, hereafter referred to as the incubation time [54]. Finally, the total number of nuclei that 

can be activated is a direct function of the number of available nucleation sites, 𝑁̇.  

Based on the above considerations, several microstructural features can influence the incubation 

time. Since the intragranular dislocation density increases with the stored energy in grains, a lower 

dislocation density in Steel B than in Steel A, if present, could then contribute to delayed nucleation in 

Steel B. It has been reported that dislocation densities in LPBF-processed materials are a function of the 

cooling rate and of the geometrical constraints of the melt pool [14]. Both steels were built with identical 

processing parameters and exhibited a similar intercellular spacing, the latter being directly related to 

the cooling rate [55]. Consequently, no strong differences in dislocation densities were expected 

between the two as-built materials. This was confirmed by the overall similar organization of 

dislocations observed by TEM (Figure 3.c-d) and the similar softening kinetics for the two steels (Figure 

7.a-b). It can therefore be safely assumed that the differences in recrystallization behavior between the 

two steels did not arise from differences in dislocation density.  

Another important feature is the grain size or, more accurately, the density of HABs, as it is 

well-known that HABs are preferential nucleation sites for recrystallization [50]. The smaller grain size, 

and thus the higher density of HABs in Steel B, their random character linked to the absence of any 

pronounced texture in Steel B is expected to favor its recrystallization compared to Steel A. Since the 

exact opposite trend in recrystallization kinetics was experimentally observed, the grain size and the 

crystallographic texture did not appear to be the origin of the observed differences. A similar argument 

can be put forth regarding the higher density of highly mobile incoherent Σ3 boundaries in Steel B (Table 

2), which is generally expected to favor recrystallization [45] [50]. In agreement with the findings of the 

previous section, this further implies that the observed delay in nucleation for Steel B was not due to 

impeded growth of already formed nuclei, which would be favored by the high mobility of HABs and 
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Σ3 boundaries, but by some inhibition of the formation of these nuclei, i.e., by a longer incubation time. 

On the other hand, the overall higher mobility of grain boundaries in Steel B may be responsible for 

faster growth of recrystallized grains than in Steel A at 1200 °C (Figure 6). Two other microstructural 

features, namely, the second phase particles and the density of solidification LABs, can also impact the 

incubation time. Their effects are discussed in detail in the following.  

 

   

Figure 12: a) Bright–field TEM image of Steel B held at 1200 °C for 10 min showing a necessary 

condition for the occurrence of SIBM: formation of a fairly dislocation-free subgrain in the vicinity of 

a HAB. White arrows indicate a HAB pinned by precipitates. b) Schematic representation of the 

bulging of a dislocation-free subgrain inside a grain of high stored energy, in the framework of the 

SIBM mechanism.  

 

4.2 Effect of second phase nanoprecipitates on the nucleation of recrystallization 

of Steels A and B 

 As previously stated, nanoprecipitates are a well-known cause for slow recrystallization kinetics 

in LPBF 316L SS due to their pinning effect on grain boundaries [28], [31], [49]. On the other hand, 

their potential effect on the nucleation step has not yet been highlighted in the literature.  

Nanoprecipitates pinning HABs, such as those pointed by white arrows in Figure 12a, are likely to slow 

down the bulging of HABs as already reported by Ariaseta et al for Inconel 718 [52]. It is therefore 
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likely that nanoprecipitates may have an inhibiting effect not only on growth, but also on nucleation of 

recrystallized grains.  

The effect of particles on the bulging of HABs can be described by the Zener pinning pressure 

(𝑃௓), which for homogeneously distributed spherical precipitates of uniform size is given by [56] [50]:  

 
𝑃௓ =  

3𝛾𝑓௩

2𝑟௣௔௥௧
 (3) 

where 𝑓௩  and 𝑟௣௔௥௧  are the volume fraction and average radius of particles, respectively. Considering the 

case of Steels A and B, where the particles size did not obey a single-peak distribution (Figure 5), 

equation (3) can be rewritten as: 

 
𝑃௓ =  

3𝛾

2
෍

𝑓௩

𝑟௣௔௥௧
 (4) 

where 𝑓௩  and 𝑟௣௔௥௧ respectively correspond to the volume fraction and the average radius of particles of 

a given class of the particle distribution, represented here by 5 nm-wide classes. It must be mentioned 

that equation (4) separately considers the pinning effect of each class of particles but does not take the 

combined pinning effect of particles of different sizes into account, and as such remain approximate. 

Nevertheless, taking 𝛾 = 0.7 J/m² for a HAB in 316L stainless steel [57] and the size distributions shown 

in Figure 5 resulted in very close pinning pressures in steels A and B, respectively, 0.19 MPa, and 0.21 

MPa. Thus, while particles may have an inhibiting effect on nucleation, it is then unlikely that they are 

the main factor behind the differences in recrystallization kinetics between the two studied steels.  

An important consequence is that recrystallization nucleation and growth appeared to be lightly 

affected by an increase in oxygen concentration in the as-built material. Indeed, Table 1 shows that Steel 

B had an oxygen content 2.5 times higher than Steel A, leading to a higher volume fraction of oxide 

nanoprecipitates. However, this increase in volume fraction was mainly due to a low fraction of 

additional coarser precipitates and not to an increase in the total number density. This only implies a 

slightly higher Zener pinning pressure in Steel B compared to Steel A, and thus an overall weak variation 

in that contribution to the recrystallization kinetics. It follows that processing LPBF 316L SS using 
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oxygen-rich powder, for example recycled powder [58], may not have a strong effect on its 

recrystallization kinetics. 

 

4.3 Effect of solidification LABs on recrystallization nucleation in Steels A and 

B 

After having considered other microstructural contributions in the previous sections, the 

solidification LABs are thought to be the primary microstructural feature responsible for the differences 

in nucleation behavior between both steels. In the framework of SIBM, given by equation (2) and Figure 

12b, recrystallization will start once a nucleus reaches a critical size, 𝑅௖௥௜௧, the value of which being 

inversely proportional to the difference in stored energy ∆𝐸 between both sides of its neighboring HAB. 

A higher value of ∆𝐸 therefore lowers the value of 𝑅௖௥௜௧ , and thus promotes nucleation. Let us assume 

two different configurations I and II, corresponding respectively to Steels B and A and depicted in Figure 

13. In configuration I, the difference in stored energy, ∆𝐸ூ , is solely due to the difference in dislocation 

density between both sides of the HAB. It can be further argued that ∆𝐸ூ is relatively low, as explained 

by Xu et al. [38], due to the nature of the LPBF process. Indeed, the dislocation density in the as-built 

microstructure is directly correlated to the solidification cell diameter but not on the grain orientation, 

and thus neighboring grains are likely to exhibit similar dislocation densities. While there is no data on 

the subject, it appears reasonable to assume that this remains true on recovered LPBF microstructures. 

The corresponding critical radius, 𝑅௖௥௜௧,ூ, is therefore expected to be relatively large, and the incubation 

time relatively long. It can thus be assumed that the incubation time for Steel B was not reached after 4 

h at 1100 °C and after 20 min at 1200 °C despite its high density of potential nucleation sites. On the 

other hand, configuration II exhibits a solidification LAB close to the HAB. The local misorientation 

induced by this LAB implies a higher stored energy on one side of the HAB [50], [59], and thus a higher 

difference in stored energy ∆𝐸ூூ such that ∆𝐸ூூ > ∆𝐸ூ and, consequently, 𝑅௖௥௜௧,ூூ <  𝑅௖௥௜௧,ூ. Nucleation 

is therefore easier in configuration II compared to configuration I, and consequently faster in Steel A 

than in Steel B, which is consistent with the recrystallization kinetics showed in Figure 6. Therefore, the 
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solidification LAB density appears to have a major contribution to the nucleation kinetics of the 

recrystallization of these materials.  Based on these considerations, it may be possible to tune the thermal 

stability and the recrystallization kinetics of LPBF 316L SS by controlling the density of the 

solidification LABs through the processing parameters, as shown by [60], [61], for instance. 

 

 

Figure 13: Proposed mechanism explaining the different nucleation kinetics between steels A and B. 

Configuration I (more typical of recovered Steel B): formation of a recrystallization nucleus in a zone 

that does not include solidification LABs. Configuration II (more typical of recovered Steel A): 

nucleation requiring the formation of a smaller nucleus due to the presence of a solidification LAB in 

one grain.  
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5. Conclusions 

 In this work, two LPBF 316L SS exhibiting significantly different as-built microstructures were 

heat treated at high temperature (1100 °C – 1200 °C) to assess the effect of grain size, LAB density and 

second phase particle distributions on the recrystallization kinetics. The main conclusions are as follows:  

 A significant difference in recrystallization kinetics was observed between the two steels. 

Recrystallization was hindered at 1100 °C and delayed at 1200 °C for the steel exhibiting the finer 

grain size, the lower LAB density and the higher precipitate phase fraction. Despite its higher density 

of nucleation sites, the nucleation step appeared to be delayed in this steel. 

 While second phase particles may have an inhibiting effect on the nucleation and growth of 

recrystallized grains, it is unlikely that they could explain the observed results. Increasing the 

oxygen concentration led to an increase in the nano-oxide phase fraction through the precipitation 

of coarser particles but did not significantly change the number density, leading to a similar pinning 

pressure.  

 The difference in LAB density stemming from solidification between the two steels has been 

identified as a plausible cause for the difference in incubation time, as LABs are believed to locally 

increase the energy difference between grains at both sides of a HAB, thus promoting the nucleation 

of recrystallized grains by the strain induced boundary migration mechanism.  

 Designing microstructures with a low LAB density could enhance the high-temperature thermal 

stability of LPBF 316L SS. 

 

Data availability 
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Appendix 1: Calculation of the true recrystallized fraction, 𝑓. 

𝑓 =  𝑓 ைௌ −  𝐹଴(𝑓),                                                                          (5) 

where 𝑓 ைௌ is the total fraction of grains exhibiting a GOS lower than 1°, and 𝐹଴(𝑓) is the fraction of 

non-recrystallized grains with a GOS lower than 1° in a sample having a recrystallized fraction equal to 

𝑓. By defining 𝐹௔௕, the fraction of non-recrystallized grains with a GOS < 1° in the as-built state (i.e., 

𝑓 = 0), and assuming that these grains are uniformly distributed in the analyzed sample, 𝐹଴(𝑓) can be 

written as (1 − 𝑓)𝐹௔௕. Consequently, the true recrystallized fraction is: 

𝑓 =  𝑓 ைௌ − (1 − 𝑓)𝐹ୟୠ   
 

⇔  𝑓 = 
௙ಸೀೄି ி౗ౘ

ଵି ி౗ౘ
.                                   (6) 
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Appendix 2: Orientation and GOS maps used for the calculation of the 

recrystallized fraction at 1100 °C 

In this appendix, some orientation maps and corresponding GOS maps of Steels A and B are 
given. They are a representative sample of the data sets used for the calculation of recrystallized fractions 
at 1100 °C. 

 

Figure A2.1: a) Orientation maps of Steel A in the as-built state and heat-treated at 1100 °C for 60 
min and 120 min, b) Corresponding GOS maps used for the calculation of the recrystallized fraction 

𝑓 ைௌ. Grains with a GOS<1° are displayed in white. 

 

Figure A2.2: a) Orientation maps of Steel B in the as-built state and heat-treated at 1100 °C for 60 
min and 120 min, b) Corresponding GOS maps used for the calculation of the recrystallized fraction 

𝑓 ைௌ. Grains with a GOS<1° are displayed in white. 
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Appendix 3: Orientation and GOS maps used for the calculation of the 

recrystallized fraction at 1200 °C 

In this appendix, some orientation maps and corresponding GOS maps of Steels A and B are 
given. They are a representative sample of the data sets used for the calculation of recrystallized fractions 
at 1200 °C. 

 

Figure A3.1: a) Orientation maps of Steel A in the as-built state and heat-treated at 1200 °C for 10 
min, 20 min, 30 min, and 60 min. b) Corresponding GOS maps used for the calculation of the 

recrystallized fraction 𝑓 ைௌ. Grains with a GOS<1° are displayed in white. 

 



30 
 

 

Figure A3.2: a) Orientation maps of Steel B in the as-built state and heat-treated at 1200 °C for 10 
min, 20 min, 30 min, and 60 min. b) Corresponding GOS maps used for the calculation of the 

recrystallized fraction 𝑓 ைௌ. Grains with a GOS<1° are displayed in white. 
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